Titanium nitride based materials are applied in several technological applications owing to their stability at high temperatures, mechanical and optical properties, as well as good electrical conductivity. Here, I use theoretical first-principles methods to investigate the possibilities for a semiconducting state as well as the phase stability of Ti 1−x Mg x N y ternary alloys and compounds. I demonstrate that B1 (NaCl) solid solutions of Ti 1−x Mg x N with x 0.5 are thermodynamically stable with respect to all previously reported phases in the Ti-Mg-N system. For the composition x = 0.5, an ordered TiMgN 2 phase with an L1 1 -type order of Ti and Mg on the metal sublattice is predicted to be the configurational ground state at low temperatures. Other ordered phases present in neighboring materials systems are considered but are found to be unstable. The electronic origin of the stability of the B1 structure solid solutions is identified. A metal to semiconductor transition is observed as the Mg content is increased to x = 0.5. TiMgN 2 as well as disordered Ti 0.5 Mg 0.5 N solid solution are investigated with hybrid functional calculations and predicted to be semiconductors with band gaps of 1.1 eV and around 1.3 eV, respectively, the latter depending on the details of the Ti and Mg configuration.
I. INTRODUCTION
Thin films based on titanium nitride are used in several technological applications. In particular, hard protective coatings on cutting tools [1] , diffusion barriers in microelectronics [2] , decorative coatings [3] , and coatings on bioinplants [4] are areas where TiN is applied owing to its hardness, electrical and optical properties, and biocompatibility. The properties of TiN have been further improved by alloying. The mixing of TiN with titanium carbide [5, 6] , other transition metal nitrides [7] [8] [9] [10] , silicon nitride [11] [12] [13] , and most intesively, AlN [14] [15] [16] [17] , has been successfully employed and investigated. The metastable Ti 1−x Al x N thin film alloys are found to be superior to pure TiN coatings in terms of oxidation resistance [18] and hardness at high temperatures [19, 20] . Using experimental and theoretical methods these improvements have been found to be connected to the phase stability and spinodal decomposition during operation [19] [20] [21] [22] [23] , which in turn has been associated with the electronic structure of the alloys and its dependency on the configuration [21, [24] [25] [26] [27] . In parallel with the technological success, a significant research interest has resulted in thousands of scientific publications, in particular studies of Ti 1−x Al x N, but also other ternary and related quaternary TiN-based coatings.
Despite this huge interest and the demonstrated possibility to improve TiN properties through alloying and electronic structure engineering, only a handful of investigations have considered the Ti-Mg-N system [28] [29] [30] [31] [32] . This is so even though Mg, with two valence electron less than Ti but a quite similar atomic size, can be expected to give rise to interesting alloying physics effects in TiN. In particular, judging from the valence of Mg and Ti, it might be possible to design semiconducting alloys at intermediate compositions. Such alloys could possibly offer an alternative to expensive ScN, * bjoal@ifm.liu.se recently suggested for thermoelectric [33, 34] and piezoelectric applications [35, 36] .
Furthermore, hypothetical B1 structure MgN has been predicted to display an unusual type of magnetism [37] , but the possibility to synthesize it in pure form seems slim as the stable stoichiometry is Mg 3 N 2 . Instead, alloying of Mg into a nitride stable in the B1 structure, such as TiN, seems like a promising root to approach the predicted MgN properties.
No ternary Ti-Mg-N phases are reported in the equilibrium phase diagram literature [38] . Despite this, Banakh et al. demonstrated that it was possible to grow solid solutions of B1 structure Ti 1−x Mg x N using reactive magnetron sputtering [28] . The Ti 1−x Mg x N coatings where found to display an attractive change in color from gold-colored TiN through pink and violet to gray, depending on the composition [28] . Similar findings were reported by Fenker et al. who also reported excellent corrosion resistance of Ti 1−x Mg x N coatings on steel [30] and improved oxidation resistance in hot air [29] . Hodroj et al. employed reactive hybrid cathodic arc-magnetron sputtering synthesis techniques to grow Ti 1−x Mg x N coatings and found similar results [31] . Nanoindentation measurements of hardness indicated a constant [31] , or moderately decreased [29] , hardness as compared to pure TiN for x 0.35-0.37 while a substantial decrease was observed for x = 0.51 and 0.67 [29] .
Recently Onder et al. showed that Ti 1−x Mg x N alloys are promising candidates for bioinplant coatings [32] . The investigated composition, Ti 0.936 Mg 0.064 N synthesized by cathodic arc evaporation, was found to be superior to pure TiN coatings in promoting nucleation and growth of magnesium-substituted hydroxyapatite on the coating surface when submerged in simulated body fluids [32] .
The possibility for future applications of Ti-Mg-N materials as decorative, corrosion resistant coatings or biocoatings depends on which synthesis routs and methods that can be used to produce the alloys. In particular, it is not known whether these Ti 1−x Mg x N alloys are equilibrium phases or if they belong to the same family as Ti 1−x In this work, theoretical first-principles methods within the density functional theory (DFT) framework and alloy theory are used to investigate the phase stability of Ti 1−x Mg x N y materials with respect to all other reported phases in the Ti-Mg-N system, as well as hypothetical phases with the structures obtained from reported phases in neighboring systems. Particular focus is given to the possibility for metal sublattice ordering and nitrogen sublattice off-stoichiometry of the B1 structure Ti 1−x Mg x N 1−δ alloy phases. Structural parameters are compared with experiments and the calculated electronic structure, both using standard exchange-correlations approximations and hybrid functional calculations, are discussed in context of possibilities for semiconducting behavior, the observed phase stability, and the experimental reports of optical and electrical properties.
II. CALCULATIONAL DETAILS
To calculate total energies of the different studied phases, first-principles calculations were employed using the projector augmented wave method [39] as implemented in the Vienna ab initio simulation package (VASP) [40] [41] [42] . Electronic exchange correlation effects were modeled using the generalized gradient approximation [43] . To obtain reliable values of the electronic band gap of TiMgN 2 and Ti 0.5 Mg 0.5 N alloys, hybrid functional calculations according to Heyd, Scuseria, and Emzerhof (HSE06) [44] were performed. The plane-wave energy cutoff was 400 eV. In order to model configurationally disordered alloys, calculations using a special quasirandom structure (SQS) [45] approach were used with a disordered metal sublattice on the B1 underlying lattice. To obtain equilibrium lattice spacings and bulk moduli the structures suggested in Ref. [21] with 48 and 64 atoms depending on composition were used. To obtain converged values of the alloy total energy and to investigate nitrogen off-stoichiometry, 128 atoms SQS structures were used. For the SQS calculations, all internal atomic positions were fully relaxed while the cell shape were kept at the underlying B1 geometry.
Ordered configurations focused on the composition Ti 0.5 Mg 0.5 N were selected in a similar fashion as in Ref. [22] using structures of 4 to 16 metal atoms created by extending the unit cell of the B1 structure in the [001], [110] , [111] , and [211] direction and ensuring that they had unique values of shortrange order parameters on the first two coordination shells. To obtain better reliability of the configurational energetics close to the ideal disordered solid solutions, 180 randomly generated configurations of 24 and 36 metal atom supercells were also considered. For illustrative purposes, selected ordered structures were also calculated for x = 0.125,0.25,0.375.
The energies on a grid of seven volumes were used for each composition and the equation of states were obtained using fitting to a modified Morse curve [46] . For the calculations of ordered Ti 1−x Mg x N alloy configurations as well as all other Ti 1−x Mg x N y compounds, internal atomic positions and the cell shape were fully relaxed for each considered volume. The sampling of the Brillouin zone was done with a MonkhorstPack scheme [47] with the number of k points depending on the number of atoms in each cell, but with the total energy differing with less than 0.4 meV per atom with respect to fully converged calculations obtained for a representative number of test cases. To visualize the electronic density of states a 0.1-eV Methfessel-Paxton-type smearing was used in the calculations but to obtain the values for the band gap without smearing effects, the tetrahedron method was used. Inspired by the discussion in Ref. [37] , spin polarization was allowed in all calculations. The nitrogen chemical potential was taken as half the energy calculated for the N 2 molecule, corresponding to nitrogen rich conditions. However, the effect of high temperature and low nitrogen pressure is discussed in the text following the approach of Hao et al. [48] .
To obtain the configurational interactions of the generalized Ising-type [49] for the composition Ti 0.5 Mg 0.5 N, the unified cluster expansion procedure derived in Ref. [22] was used. First, pair interactions on the first 25 coordination shells were derived using the generalized perturbation method (GPM) [50, 51] . With this method, also 16 different three-site interactions were derived corresponding to small triangle clusters where the shortest side were nearest or next-nearest metal neighbors, second shortest was not longer then third metal neighbors, and the third side were not longer than ninth metal neighbor. Furthermore 16 four-site interactions were derived corresponding to small tetrahedra clusters were no side were longer than the fifth nearest metal neighbor distance, except the four-site line cluster along the fcc nearestneighbor direction. Then, local lattice relaxations and shortrange electrostatic screening effects were taken into account using concentration dependent Connolly-Williams (CW) [52] type cluster expansion of the differences between ordering energies of the GPM based potentials and direct first-principles calculations of 131 ordered Ti 0.5 Mg 0.5 N structures, which have energies lower than our 128-atoms SQS structure. Several different sets of clusters were considered in CW expansions and the set was chosen for which the square differences of the Ising and first-principles energies of 16 structures that were not included in the fitting procedure were the smallest.
The obtained interactions were used in configurational Monte Carlo simulations using the Metropolis [53] algorithm and using simulation boxes of 16 × 16 × 16 conventional cubic cells to obtain temperature dependent configurational thermodynamics, including the ordering temperature. [28] , Fenker et al. [29] , Hodroj et al. [31] , and Onder et al. [32] are shown for comparison. The inset shows the calculated bulk modulus of the alloys as well as the calculated value for the Mg 3 N 2 in its equilibrium inverse bixbyite structure.
III. RESULTS AND DISCUSSION
reported in the experiments discussed above [28] [29] [30] [31] [32] . The calculated equilibrium lattice spacing and bulk moduli of nitrogen stoichiometric Ti 1−x Mg x N B1 structure alloys are shown in Fig. 1 and compared to the experimentally reported values of lattice parameters. The calculated lattice parameter for pure TiN, 4.255Å, is in good agreement with the experimentally well established room-temperature bulk value of 4.24Å [54] . Upon Mg addition, the lattice spacing is increasing. The increase is not linear but displays a distinct negative deviation from Vegards rule. Furthermore, the lattice parameter as well as the bulk modulus, display a kink with respect to composition at x = 0.5, possibly indicating two different types of bonding regimes. The bulk modulus decrease monotonously with Mg content. The bulk modulus of pure TiN is found to be 292 GPa in line with previous comparable calculations [55] . At the composition Ti 0.5 Mg 0.5 N, the value has decreased to 173 GPa while pure B1 structure MgN is found to have a bulk modulus of 120 GPa, not much higher then that of our calculated value for inverse bixbyite Mg 3 N 2 of 109 GPa.
The calculated lattice parameters compare well with the experimental values regarding the increasing trend with MgN content. Also the negative deviation from Vegard's rule can be noted in the work of Fenker et al. [29] and Hodroj et al. [31] although less distinct as compared to the calculations. The absolute values of the lattice spacings in the work of Hodroj et al. are shifted to slightly higher values as compared to both the calculations and the other experiments indicating residual tensile stress in their coatings. The alloys with the highest reported Mg-content, the samples with the compositions x = 0.51 and 0.67 displays a slightly lower lattice spacing as compared to the calculations. A possible explanation could be a partial phase separation, that the Mg content in the B1 phase is slightly lower than the global Mg composition. A corresponding case was found for the B1 structure Sc 0.27 Al 0.73 N alloy in Ref. [56] . Another possible explanation is nitrogen under-stoichiometry as the N content of the films were reported to decrease [29] . Unfortunately, the energy dispersive x-ray spectroscopy measurements of the composition of light elements, such as N, has limited accuracy, but the trend of decreasing N content with increasing Mg content should be trustworthy. It is worth noting that such decrease in nitrogen content would also be the result if the films contain Mg 3 N 2 based domains. The next step in the investigation is a study of the tendency for nitrogen substoichiometry of Ti 1−x Mg x N 1−δ solid solutions. The starting point is the calculation of nitrogen vacancy formation energies according to
where E(Ti 1−x Mg x N 1−δ i ) is the energy of the supercell with Mg content x including a nitrogen vacancy on the particular site i, E(Ti 1−x Mg x N) is the same supercell without nitrogen vacancy and E(N 2 ) is the calculated energy of a nitrogen molecule at 0 K. In a real PVD deposition experiment, the temperature is typically several hundred degrees Celsius, 200
• and 300
• is reported by Fenker et al. [29] and Hodroj et al. [31] , respectively. Furthermore, the nitrogen partial pressure is typically in the range from a few pascals to 10 −2 Pa [29, 31, 32] . Under such conditions, following the discussion by Hao et al. [48] the nitrogen chemical potential should be almost 1 eV lower than half of the N 2 molecule energy. However, it should be noted that PVD is a nonequilibrium technique were also atomic N can be present and increase the effective nitrogen chemical potential during film growth.
The vac (0.5) correspond to nitrogen atoms surrounded by several Mg atoms. However, the situation is more complex than just a linear function of the nearest-neighbor composition as the site with negative formation energy has four Mg atoms as nearest neighbors, while there exist N sites in our supercell that have five and six Mg nearest neighbors while still demonstrating positive vacancy formation energy. It is worth noting that the preference of nitrogen vacancies for Mg-rich local environments are different from the corresponding case for Ti 1−x Al x N 1−δ alloys where instead vacancies were found to prefer Ti-rich environments [58, 59] in the limit close to stoichiometric conditions. As a comparison, the nitrogen vacancy formation energy was also calculated in a 32-formula unit supercell with an L1 1 -type ordered metal sublattice, a structure, which will be discussed below. In this case, were all N sites are equivalent, the vacancy formation energy is as high as 2.05 eV. This shows that metal sublattice ordering is a mechanism that compete with nitrogen understoichiometry in this system.
For the composition x = 0.625, all vacancy formation energies are negative with a mean value of −1.22 eV. The sample of ten calculated vacancies at x = 0.75 is even more negative in value with a mean of −2.22 eV. These calculations strongly indicating that all existing B1 structure Ti 1−x Mg x N 1−δ alloys with x > 0.5 ought to be understoichiometric in nitrogen.
The above discussion would still be valid if a nitrogen chemical potential that is 1 eV lower is considered. However, at the composition x = 0.5, ten percent of the nitrogen lattice site would then have a negative vacancy formation energy, indication a considerable tendency for understoichiometry at this composition if the growth temperature is high, or the nitrogen pressure is low.
Here, it is interesting to also make a comparison with the isostructural TiC system, which is isovalent with Ti 0.5 Mg 0.5 N. In TiC, which is a metallic compound, understoichiometry of carbon is practically impossible to avoid in equilibrium as graphite appears before the B1 structure is fully carbon stoichiometric [60] . However, two distinct differences to TiC in the present nitride system is the gas form of the competing nitrogen phase and the electronic character, the latter to be discussed below.
C. Mixing thermodynamics of B1 Ti 1−x Mg x N 1−δ
The next step in our investigation is to analyze the thermodynamic phase stability of the B1 structure Ti 1−x Mg x N 1−δ alloys with respect to the relevant competing phases in the TiMg-N phase diagram. B1 structure TiN is a thermodynamically stable nitride, it is stable over a considerable composition window with both substoichiometry and overstoichiometry in nitrogen although substoichiometry is by far the most usual in magnetron sputtering and arc evaporation synthesis. As far as I am aware, no experimental synthesis of a Ti 3 N 4 phase has been reported. A nitrogen poor Ti 2 N phase is also stable. On the magnesium nitride side, only Mg 3 N 2 phases has been reported to be stable, where the inverse bixbyite structure is found to be stable at ambient conditions [61] . As mentioned above, I am not aware of any equilibrium bulk synthesis of any ternary Ti-Mg-N compounds. Furthermore, the binary Ti-Mg phase diagram does not contain any intermetallic phases or alloys. Figure 3 shows the calculated mixing enthalpy of B1 structure Ti 1−x Mg x N 1−δ alloys with respect to B1 structure TiN at x = 0 and a combination of inverse bixbyite Mg 3 N 2 and nitrogen molecules at x = 1. In the cases where understoichiometric alloys are considered, nitrogen molecules are used to balance the N content. Thus the mixing enthalpies are calculated at zero pressure conditions according to
and given per Ti 1−x Mg x N formula unit. The figure shows that the enthalpies for disordered B1 structure Ti 1−x Mg x N alloys are negative for 0 < x 0.59. For higher Mg content, the mixing enthalpies of the stoichiometric B1 structure solid solutions become positive. If a commontangent construction were made for the disordered B1 structure solutions and bixbyite Mg 3 N 2 + 1 2 N 2 , one would conclude that the B1 structure Ti 1−x Mg x N alloys were thermodynamically stable for x 0.46. However, taking the possibility of metal sublattice ordering into account, it is apparent that also ordered compounds at x = 0.5 can be stable.
Since it was found in the previous section that B1 structure solid solutions with x > 0.5 ought to be understoichiometric, the mixing enthalpies of several different B1 structure Ti 0.375 Mg 0.625 N 0.922 and Ti 0.375 Mg 0.625 N 0.906 alloys were calculated. These compositions correspond to five or six N vacancies out of the 64 N sites in our supercells, which is approximately a linear interpolation between a metal-to-nitrogen composition of 1 : 1 at x = 0.5 and 1 : 2 3 at x = 1. The lowest mixing enthalpy, according to Eq. (2), of these nitrogen substoichiometric compositions is shown in Fig. 3 . Even though the mixing enthalpies of this substoichiometric alloy is below the corresponding stoichiometric case, it is still unfavorable with respect to decomposition into ordered or disordered Ti 0.5 Mg 0.5 N alloys and Mg 3 N 2 (balanced with N 2 ). Substitution of Mg for Ti in inverse bixbyite Mg 3 N 2 is found to be highly unfavorable and is not likely to be of relevance for the phase stability of thes alloys. To reveal the relative stability of ordered and disordered Ti 0.5 Mg 0.5 N phases the unified cluster expansion method [22] was used to derive configurational interactions of generalized Ising-type as described in Sec. II above. The generalized perturbation method potentials were complemented with structure inversion correction of the pair interactions on the coordination shells number 1, 2, 4, 8, and 20, three different four-site clusters involving only nearest and next-nearest metal neighbors, as well as the configurational independent energy for ideally random Ti 0.5 Mg 0.5 N. The obtained two-, three-, and four-site interactions were used in a Monte Carlo simulation of the configurational order-disorder transition
The simulation resulted in a phase transition between a disordered solid solution and an ordered structure at a temperature of T c = 950 K as revealed by a peak in the configurational specific heat. The Monte Carlo derived structure can be viewed as a B1 structure counterpart to either the L1 1 or D4 ordering on the fcc metal sublattice. These two structures have configurations with identical pair-and three-site correlation functions for all coordination shells and differ only in some of the four-site correlation functions and larger many-site clusters. As the four-site configurational interactions that differ between L1 1 and D4 structures are relatively weak in this system, the critical temperature is only marginally influenced by which of the two ordered phases that appear. In our firstprinciples calculations, the L1 1 -type ordering is just below the D4 order in energy, they differ with about 1 meV per formula unit, and the L1 1 are thus predicted as the configurational ground state of B1 structure Ti 0.5 Mg 0.5 N. For comparison, a mean-field estimate of the transition temperature based on the energy difference between the B1-L1 1 structure and the ideally random alloy obtained from the V 0 (x = 0.5) value of the cluster expansion is T MF c = 1272 K. The L1 1 -type of metal sublattice ordering on the B1 lattice, often described by the α-NaFeO 2 or NaCrS 2 systems as prototypes, has previously been observed experimentally for TiWN 2 [8] and CeSrN 2 [62] compounds, and predicted to be the configurational ground state also for ZrGdN 2 [63] .
E. Phase stability of ordered T 1−x Mg x N y phases
In the discussion above, only the experimentally known phases has been considered as competing phases to the B1 structure Ti 1−x Mg x N random alloys and the L1 1 -type ordered B1 TiMgN 2 alloy. In order to investigate if yet other not previously observed phases could be competitive in the Ti-Mg-N system, two alternative paths were used to select candidate structures. First, to investigate the TiMgN 2 stoichiometry, a search for ABN 2 structures, where A and B are metals or nonmetals while N is nitrogen, were performed in the inorganic crystal structure database (ICSD) [64] . More than 35 different trial crystal structures were identified in this way taking into account that some of the structures could result in two different phases depending on the placement of Ti and Mg atoms on the respective sublattices. Table I shows the energies of the six TiMgN 2 structures with lowest energy. The energy per atom with respect to the B1-L1 1 structure is shown together with the example nitride system in which they have been reported.
Even in the search in this wider group of candidate structures, the B1-L1 1 -type structure has lowest energy for TiMgN 2 . The structure reported for ZnGeN 2 and MgSiN 2 phases, also referred to as β-NaFeO 2 -type structure, is 0.032 eV/atom higher in energy. However, during the lattice relaxation of this structure for TiMgN 2 the local atomic positions change in a similar way as when ScN is relaxed from wurtzite to a layered hexagonal phase [36] . The SrSiN 2 -type structure is 0.044 eV/atom higher in energy than the B1-L1 1 structure. The structure of LiUN 2 , the inverse MAX-phase structure of, e.g., ScTaN 2 [65] , and the structure of LiPN 2 , also referred to as KCoO 2 -type structure, as well as all other considered cases, are even higher in energy. As a last verification step of the stability of TiMgN 2 , I search for possibly relevant competing ternary Ti-Mg-N phases based on other stoichiometries with structures that are observed in related ternary systems. The perovskite related structure of MgTiO 3 is tested for MgTiN 3 , the MAX-phases observed for Ti 2 AlN, Ti 3 SiC 2 , and Ti 4 AlN 3 [66, 67] All these phases turns out to be unstable with respect to decomposition into combinations of the reported binary phases, pure elements, and in the case of MgTiN 3 , into N 2 gas and the B1-L1 1 TiMgN 2 compound predicted to be stable in this work.
Based on the phase stability investigations of the above compounds, the 0 K phase diagram shown in Fig. 4 is predicted. According to the calculations, at intermediate metal content and low nitrogen content, the Ti 2 N is the dominant nitride phase. At higher nitrogen content all Ti is bonded in a mixture of Ti 2 N and TiN while Mg metal is still an equilibrium phase. Mg 3 N 2 is an equilibrium phase at even higher nitrogen content in the Mg-rich compositions. The TiMgN 2 compound is in equilibrium at very nitrogen-and magnesium-rich compositions. It is worth noting that a mixture of TiN and Mg 3 N 2 is not predicted to result in a ternary nitride. If such a mixture is subject to extra addition of nitrogen, gradually more Mg is solved into B1 related phases forming eventually the stoichiometric TiMgN 2 phase.
F. Electronic structure
The phase stability of other multicomponent nitrides has previously been explained using the electronic structure [24, 70, 71] . In Fig. 5 , the electronic density of states (DOS) of the B1 Ti 1−x Mg x N (0 x 0.5) alloys are shown. For comparison, the DOS of the hypothetical B1 MgN is also displayed in its ferromagnetic configuration. The electronic structure of pure TiN has been studied in details in the past [5, [72] [73] [74] and my results are in agreement with those reports: at energies around 15 eV below E F , the nitrogen 2s semicore state is seen. At energies between 7.5 and 2.5 eV below E F , a so-called bonding state is seen. This state is a hybridization between nitrogen 2p electrons and titanium 3d electrons with e g symmetry. There is also an inmixture of Ti 4s electron character. Around E F and up to about 2.5 eV above, the so-called nonbonding state is seen. This state is composed mostly of Ti 3d electrons with t 2g symmetry that do not hybridize strongly with the nitrogen 2p electrons due to the octahedral coordination in the B1 structure. On the other hand, they hybridize to some extent with the electron of other Ti atoms with the same symmetry. The antibonding counterpart to the bonding states, composed mostly of Ti 3d electrons with e g symmetry is centered around 3 eV above E F . It is important to note that TiN has seven valence electrons while only six can be accommodated in the bonding state. Thus the nonbonding state is partially occupied turning TiN into a metallic system. Distinct differences can be noted when comparing TiN with the hypothetical B1 MgN phase. First, the latter lacks the states related to the Ti 3d electrons. Furthermore, an ionic-type electronic structure can be assumed as the bonding state below E F is dominated by nitrogen character in contrast to the more covalent case of TiN. Six valence electrons are needed to fill the bonding state but MgN has only five, leaving part of the state unoccupied. A clear signature of the spin splitting, discussed in details by Droghetti et al. [37] , can also be seen in the form of a doubling of the DOS peaks of nitrogen character. I suggest that the unoccupied part of the bonding state in B1 MgN is the qualitative explanation to the stability of the B1 Ti 1−x Mg x N alloys.
As Mg is substituting Ti in TiN, a part of the Ti electrons can be transferred from energetically rather unfavorable nonbonding states into the more favorable bonding states left empty around Mg atoms. This trend can, indeed, be seen in the panels showing the alloys of composition 0.125 x 0.5 were the nonbonding Ti state is gradually emptied of electrons. Another effect that can be noted is that the overlap of the bonding and nonbonding states are gradually reduced which leaves the system Ti 0.5 Mg 0.5 N as a semiconductor with E F positioned in a small band gap. The decrease of the overlap has its origin in the breaking of Ti-Ti bonds upon Mg addition, an effect also seen in Ti 1−x Al x N [21] . In Ti 1−x Al x N this mechanism is suggested to be the reason behind the strong driving force for spinodal decomposition [21] . However, in the present case, with one less electron of Mg as compared to Al, the possibility to redistribute Ti electrons into the bonding state is dominating over the loss of Ti-Ti bonds, resulting in a thermodynamically stable Ti 1−x Mg x N alloy for x 0.5.
The decrease of electron states at E F , responsible for the free-electron-like contribution to the optical properties of the material, is in line with what has been suggested in previous experimental work [28, 29] . The shift of the Fermi level with respect to the nonbonding and bonding state is likely also related to the distinct change in color with composition observed experimentally [28, 29] .
The observation of the appearance of semiconducting character at the composition x = 0.5 is interesting and deserves further investigations. This is so as TiN is known to be a good metallic electrical conductor and its alloys has therefore previously not been considered for semiconductor applications. TiC, with the same number of valence electrons as the Ti 0.5 Mg 0.5 N composition, is also a metallic conductor. On the other hand, the neighboring scandium nitride, also with the same number of valence electrons, is a semiconductor with an indirect band gap of just below 1 eV [75] . The band gaps derived from the calculated Kohn-Sham eigenvalues obtained within standard GGA calculations are known to underestimate experimental values. In order to obtain a more reliable predictions of the band-gap energies of the Ti 0.5 Mg 0.5 N composition, calculations using the HSE06 [44] hybrid functional were employed, both for the B1-L1 1 ordered ground-state configuration and for the 48 atom SQS modeling disordered Ti 0.5 Mg 0.5 N. The HSE06 hybrid functional has been demonstrated to reproduce experimental band gaps, e.g., for ScN [34] , quite well. Table II shows the calculated band gaps using both GGA-PBE and HSE06 functionals. In the case of the larger 128 atoms SQS, the use of the HSE06 functionals is too computationally demanding for the present work. The HSE06 band gaps are 1.11 and 1.33 eV for the ordered and disordered configurations, respectively. However, it should be noted that the details of the configuration in the disordered state do influence the band gap as can bee seen by the difference in GGA-calculated band gap between the two SQS sizes. The semiconducting character of Ti 0.5 Mg 0.5 N still remains to be proven experimentally, but it can be noted that a considerable increase in resistivity upon Mg addition to TiN were found by Hodroj et al. [31] , but the possibly semiconducting composition was not investigated in that work. The possibility for a semiconductor behavior in Ti 0.5 Mg 0.5 N motivates more detailed futures studies. In particular, the material is potential candidate to substitutes expensive ScN in piezoelectric [35, 36] and thermoelectric applications [33, 34] . A material with a band gap in the range 1.1-1.3 eV also deserves to be further investigated for photovoltaics applications.
IV. CONCLUSIONS
I have used theoretical methods to investigate the phase stability, structural and electronic properties of Ti-Mg-N phases. I have found that Ti 1−x Mg x N alloys in the cubic B1 structure and x 0.5 are thermodynamically stable with respect to all previously reported phases in the Ti-Mg-N system, as well as with respect to ordered phases inspired by compounds in related ternary systems. For compositions with higher Mg content, I have not found any nitride phases that are stable with respect to decomposition into B1 Ti 0.5 Mg 0.5 N 1−δ alloys, inverse bixbyite Mg 3 N 2 and N 2 gas. Thus I predict that the experimentally observed alloys with x 0.5 are actually thermodynamically stable, while the single sample reported with higher Mg content is metastable and possible to synthesize as phase separation is suppressed due to lack of Ti and Mg diffusion during the low-temperature growth. An ordered TiMgN 2 compound with the B1 counterpart to L1 1 (CuPt) type ordering of Ti and Mg atoms is found to be the configurational ground state at x = 0.5. Using the unified cluster expansion method and Monte Carlo simulations, the ordering temperature is predicted to be 950 K. The stability of the alloys as well as the drastic change in color reported experimentally can be understood from the calculated electronic density of states where it is shown that electrons of nonbonding Ti 3dt 2g character are transferred to electron deficient bonding states in proximity to Mg atoms. Hybrid functional calculations suggest that the Ti 0.5 Mg 0.5 N alloys and compounds are semiconducting with a band gap of between 1.11 to 1.33 eV depending on the configuration. These findings of Mg as a stable alloying component in TiN with the possibility to obtain a semiconducting state broadens the perspective of electronic structure and phase stability design of multifunctional TiN-based coatings.
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